A central focus of materials science & engineering has been to discover and understand the important correlations between the properties and performance of materials, their microstructures, and the processing methods required to achieve them--and then to exploit these in the design of engineered components[@b1][@b2]. In the future micromechanical devices, the nanostructured metallic multilayers (NMMs) can play a leading role due to their desirable mechanical properties and performance, such as superior strength, relatively high deformability, excellent morphological stability, and great radiation tolerance, making them uniquely multifunctional materials to satisfy special needs[@b3][@b4][@b5][@b6][@b7][@b8]. NMMs often display intrinsic layer thickness (*h*)-dependent strengthening and hardening capability and near-theoretical strength at small *h*[@b9][@b10][@b11][@b12][@b13][@b14], which is closely related to both the density and the structures/properties of interfaces[@b15][@b16]. As the density of interfaces increases (due to smaller *h*) the strength (σ) as well as the strain hardening capability of NMMs structures becomes increasingly determined by the specific nature and properties of the interfaces, *e.g.* (fully) coherent and semi/incoherent interfaces[@b17][@b18]. Experimental, theoretical, and modeling works have demonstrated that plastic deformation including nucleation, multiplication, accumulation, and transmission of dislocations, referred to as interface-mediated plasticity, is strongly connected to characteristics of interface structure *i.e.*, the interfacial dislocation network[@b19][@b20][@b21][@b22]. These processes can render the instability of interface structure, the rotation and/or sliding of interfaces, shearing/crossing of interfaces and twinning, in various nanolayered structures such as FCC/BCC Cu/Nb[@b10][@b11] and FCC/FCC Cu/Au[@b23], which closely correlate with the size-dependent deformation modes of nanolayered micropillars[@b10][@b11][@b24].

In the past decade, the vast majority of uniaxial deformation experiments and computations on small-scale metallic structures (*e.g.* single crystals and nanostructured monolithic thin films) unambiguously demonstrated that at the micron and sub-micron scales, there is a strong "extrinsic size effect" on their robust performance[@b25][@b26][@b27][@b28][@b29], which can be described as *σ* ∝ *Aϕ*^−*α*^, where *A* is a constant, *ϕ* is sample diameter and *α* is the power-law exponent (*α* \~ 0.5--0.97 for FCC, *α* \~ 0.42--0.68 for HCP and *α* \~ 0.22--0.48 for BCC crystals)[@b25][@b26][@b27][@b28][@b29]. As both the intrinsic (*i.e.*, microstructural) and extrinsic (*i.e.*, sample dimension) sizes play a non-trivial role in the mechanical properties and deformation mechanisms of small-scale structures, it is critical to develop an understanding of their interplay and mutual effects on the mechanical properties and deformation of materials, which in turn guides the microstructure sensitive design for their optimized performance. In this work, we systematically investigated the intrinsic layer thickness (*h*) and extrinsic sample diameter (*ϕ*) effects on the mechanical properties and deformation (failure) modes of Cu/Zr NMMs (with large mismatch strain *δ* \~ 11.2%) and those of Cu/Cr NMMs (with small mismatch strain *δ* \~ 2.3%) by microcompression methodology to provide deep insights into the associations of internal microstructure-external limitation-performance in small-scale nanolayered micropillars.

Results
=======

Internal features of nanolayered micropillars
---------------------------------------------

The typical TEM images of Cu/X (X = Cr, Zr) NMMs are presented in [Fig. 1](#f1){ref-type="fig"}, from which one can see the modulated layered structure and distinguishable interfaces. The selected area diffraction patterns indicate that the present NMMs show strong Cu (111), Zr (0002) and Cr (110) textures, consistently with the X-ray diffraction patterns. The measured average dislocation spacing (*λ*) between dislocations with the same Burgers vector ***b*** = *a*/2\[110\] parallel to the interface is of \~1.7 nm and \~10.2 nm in Cu/Zr and Cu/Cr, respectively. (Misfit dislocations with other Burgers vectors are not considered here.) These values are somewhat smaller than their corresponding theoretical values calculated by *λ* = *b*/*δ*, *i.e.*, \~2.3 nm for Cu/Zr and \~11.1 nm for Cu/Cr. The nano-sized grains (*d*) of Cu, Cr and Zr layers all scale with *h*. More details can be found in [Supplementary Information](#s1){ref-type="supplementary-material"}.

Mechanical response of nanolayered micropillars
-----------------------------------------------

[Fig. 2(a) and (b)](#f2){ref-type="fig"} show the typical true stress -- strain curves of *ϕ* = 800 nm and *h* = 10 nm Cu/Zr pillars, respectively, from which several features can be observed: (i) A gradual transition between elastic and plastic deformation; (ii) after the stress reaches a maximum, gradual softening, which can be attributed to the dislocations annihilation-induced work softening at greater *h* and shear banding caused geometrical softening at smaller *h*[@b10][@b11][@b12][@b13][@b22] occurs until failure ensues; (iii) the strain hardening behavior can be described by Ludwik\'s equation[@b30], *i.e.*, , where *K*~1~ represents the initial yield stress, *K*~2~ is the strengthening coefficient and *n* is the strain hardening exponent. The values of *n* determined for the three extrinsic *ϕ*-sized pillars exhibit the same fashion --- *n* monotonically decreases with reducing *h*, and are quite close to each other for the pillars with same *h*, see [Fig. 2(a) and (b)](#f2){ref-type="fig"}, indicating *n* is strongly intrinsic size-*h* dependent. For example, *n* for *ϕ* = 300 and 800 nm Cu/Zr pillars with *h* = 10 nm is about 0.3 and 0.325, respectively. As decreasing *h* from 125 to \~20 nm, *n* smoothly reduces from \~0.5 down to \~0.4 and then sharply decreases with further reduction in *h* (see [Fig. 2c](#f2){ref-type="fig"}), similarly to that of Cu[@b31][@b32].

On the other hand, the strain hardening rate *θ* of Cu/Zr pillar with various diameters is determined as the difference between the strength at 0.2% and 2% plastic strain, which is consistent with the *θ* values at small plastic strains estimated from these fitting curves (see [Fig. 2d](#f2){ref-type="fig"}) by using the strain hardening rate equation, *i.e.*, *θ* = d*σ*/d*ε*. It is found that *θ*, similarly to *n*, is still intrinsic rather than extrinsic size-controlled. A maximum *θ* \~ 20 GPa for Cu/Zr and \~12 GPa for Cu/Cr far greater than that of bulk Cu \~ 2.5 GPa[@b30][@b33], is respectively observed at *h* \~ 20 nm, as shown in [Fig. 2(d)](#f2){ref-type="fig"}. The inverse layer thickness *h* (or grain size *d*) effect reported here has also been observed in Cu films with thickness spanning from 20 to 800 nm[@b34]. Moreover, it appears that the Cu/Zr samples have a greater *θ* than that of Cu/Cr ones at an identical *h*, which is likely caused by the higher density of misfit dislocations or the larger mismatch strain *δ* \~ 11.2% in Cu/Zr.

Strength of nanolayered micropillars
------------------------------------

The intrinsic and extrinsic size effects on strength of the Cu/Zr pillars are studied in comparison. In [Fig. 3(a) and (b)](#f3){ref-type="fig"}, the maximum strength *σ*~max~ is depicted as a function of *ϕ* at different *h* for Cu/Zr and Cu/Cr pillars, respectively. It appears that both the *σ*~max~ of Cu/Zr and Cu/Cr micropillars monotonically increase with decreasing *h* in the fashion of smaller is stronger. Compare the Cu/Zr samples with the Cu/Cr ones at a given *h*, it is interesting to find that *σ*~max~ weakly depends on *ϕ* when *h* \> 20 nm and that *α* are almost identical within the scatter (*α* = 0.06 ± 0.02), while *σ*~max~ strongly depends on *ϕ* when *h* \< 20 nm with *α* = 0.3--0.4 for both Cu/Zr and Cu/Cr samples (see [Fig. 3c](#f3){ref-type="fig"}). Unexpectedly, the critical size of transition from *ϕ*-independent to *ϕ*-dependent, *i.e.*, the transition from bulk-like to small-volume materials behavior in the present two types of NMM, is observed at the close intrinsic sizes *h* \~ 20 nm.

Deformation morphologies of nanolayered micropillars
----------------------------------------------------

[Fig. 4(a, c, e, g)](#f4){ref-type="fig"} and their insets present SEM/FIB images of *ϕ* = 600 nm Cu/Zr micropillars with different *h* before and after compression (\~20--30% strain). After compression, Cu/Zr micropillars with *h* \> 20 nm display the homogeneous deformation, *i.e.*, extrusion of Cu in between the hard Zr layers accompanied with barreling, as shown in [Fig. 4(a, c)](#f4){ref-type="fig"}. It is demonstrated that the soft phase Cu dominates the plastic deformation, whereas plastically deforming the hard phase Zr is difficult. Moreover, localized interfacial debonding regions are observed, as shown in [Fig. 4(b, d)](#f4){ref-type="fig"}. At medium to small scales *h* ≤ 20 nm, Cu/Zr micropillars without extrusion of Cu exhibit localized shear banding at great strains shown in [Fig. 4(e, g)](#f4){ref-type="fig"}, implying the layers within the shear band have undergone corotation in addition to codeformation of Cu and Zr layers, similarly to *h* = 40 nm-sized Cu/Nb micropillars[@b10]. Surprisingly, the layered morphology remains intact across the shear band in [Fig. 4(f)](#f4){ref-type="fig"}, with no apparent discontinuity (*i.e.*, localized interface crossing in [Fig. 4h](#f4){ref-type="fig"}) as observed in *h* = 5 nm-sized Cu/Nb samples[@b11]. The same phenomena are observed in other sample sized pillars, as shown in the [Supplementary Information](#s1){ref-type="supplementary-material"} for Figures.

In sharp contrast with the Cu/Zr NMM with great *δ* \~ 11.2%, the *ϕ* = 600 nm Cu/Cr samples with small *δ* \~ 2.3% are more preferred to slip along interfaces with greater extrusion of soft material (Cu) at large scales ≥ 50 nm (see [Fig. 5a--d](#f5){ref-type="fig"}), implying weaker interfaces of Cu/Cr samples[@b10][@b21]. Furthermore, no localized interfacial debonding regions is observed, as shown in [Fig. 5(b, d)](#f5){ref-type="fig"}. At interim scales, the Cu/Cr micropillars still exhibit extrusion of Cu in between the Cr layers, implying the Cu/Cr samples are less favored to deform by localized shear bands, see [Fig. 5(e)](#f5){ref-type="fig"}. Only at the extremely small scale *h* = 5 nm, the Cu/Cr micropillars show the localized shearing by cutting interfaces, see [Fig. 5(f)](#f5){ref-type="fig"}. It should be noted that, although the extrinsic size can influence the deformation morphologies of micropillars (e.g. homogeneous shear of the whole pillar vs inhomogeneous shear at the upper part of the pillar), it does not change the intrinsic size-dependent failure mechanisms (e.g. extrusion vs shear banding).

Discussion
==========

Intrinsic size-dependent hardening capability
---------------------------------------------

The strain hardening characteristic is of great importance to structure materials, since the deformation and fracture of these materials are intimately linked to their hardening capability[@b33], which can be characterized by *n* and *θ*. The observed *h*-dependent strain hardening behavior is reasonable, because it is closely related to the *h*-dependent dislocation storage capacity[@b35]. The monotonically reduced *n* inversely proportional to strength can be ascribed to a greater density of interfacial dislocations in smaller *h*-sized samples[@b36]. With regard to the maximum *θ*, it is because that more glide dislocation-interface interactions results in increasing *θ* with reducing *h* to a critical value \~ 20 nm, below which the dislocations cross-slip lower the *θ*, thereby leading to an inverse dependence of *θ* on *h*. This was physically and quantitatively explained in terms of reduced dislocations storage rates[@b35].

Intrinsic and extrinsic sizes driven strength
---------------------------------------------

It is well accepted that the activation of pinned dislocation bulk sources usually requires a lower mechanical stress than that of dislocations emission from surface/interface sources. The dramatic rise in *α* as a signature of deformation transformed from dislocation interaction processes (bulk-like plasticity) to surface/interface source nucleation/emission (small-scale plasticity) implies that the size-strengthening of Cu/X micropillar is more significant below a transition intrinsic size *h* = 20 nm[@b25][@b26][@b27][@b28][@b29][@b37]. This is supported by the sharp changes in *h*-dependent strain hardening capability (*n* and *θ*). It is also suggested that the size-dependence itself also manifests a strong size effect; that is to say, the degree of size-strengthening can be very different in distinctly separable *h* regimes. Numerous findings have explicitly verified that the mechanical response of a nanocrystal is a stronger function of initial microstructure than of size regardless of fabrication methods, which in turn defines the size effect (*α* \> 0)[@b38][@b39][@b40]. In our experiments, the effects of FIB milling on the mechanical properties of all the samples are likely to act in a similar way, and their effects are not considered in the following discussion (More details can be found in Ref. [@b22]). On the other hand, the *ϕ*-insensitive strength (*α* = 0) can only be found in bulk metals as well as perfect, pristine single crystals.

Because the operation of bulk sources within the layers generally leads to a sample-size independent behavior, *i.e.*, a power law exponent close to zero, similarly to that of bulk polycrystalline metals[@b41], which indicates the dislocations most likely emit from the Frank-Read type bulk sources at *h* \> 20 nm[@b42]. Also, the absence of intrinsic size *h* effect on *α* further verifies that the mechanism responsible for the power law itself is insensitive to *h*, as the *h* dependence manifests itself as a deviation from the power law, which has been found in the case of *h* \< 20 nm. At small length scale (*h* \< 20 nm), a sharp increase in *α* (*α* \> 0.2, sample-size dependent behavior) is simultaneously observed in Cu/Zr and Cu/Cr micropillar as reducing *h*. This size effect suggests the operation of interface-related dislocation sources because their length can be altered by the reduction in sample size, as it is the case for non-pristine single crystals[@b25][@b26][@b27][@b28][@b29] and NC metals[@b43]. However, at the transition size *h* = 20 nm, probably on the order of *ρ*^−0.5^, dislocation interactions would not evolve as they do in samples containing many representative volume elements, since mobile dislocations would have a high probability to exit the sample prior to interacting with other dislocations. In this case, both the volume and interface sources can switch on at this stress level[@b43]. The fact that the *α* value of Cu/Zr almost equals to that of Cu/Cr micriopillars at constant *h* suggests that the soft Cu layers dominate the plastic deformation[@b44], consistently with the present SEM/FIB observations.

Intrinsic size-dependent deformation modes
------------------------------------------

Based on these SEM/FIB observations, one can draw a conclusion that there is a strong intrinsic size effect on the deformation modes/failure mechanisms, *i.e.*, extrusion/debonding at great *h* and shear banding at small *h*. Above SEM/FIB observations also indicate that two shear banding mechanisms exist at such small-length[@b10][@b11][@b12]: one is caused by layer rotation, and the other is caused by dislocations cutting cross the interfaces. The rotation and localization of strain within the shear band implies two competing layer-geometry-based mechanisms, with the first being the observed layer thinning, leading to a hardening effect. The second is layer rotation within the band to a softer orientation where the interfaces themselves are more preferred to shear. If the interface plane is weak in shear, the rotation could be sufficient for the resolved shear stress on the interface to facilitate interfacial slip[@b10]. As such, strain will localize at the interface plane, resulting in the softening exhibited by these materials at high strain (*e.g.* the *h* = 50 nm Cu/Zr at great strains \~ 20--30%).

To elucidate the intrinsic size dependent deformation modes of nanolayered micropillars with different misfit strains, we consider the dislocation-based pile-up mechanism in a NMM consisting of two metals **A** (*e.g.* Cu) and **B** (*e.g.* X) with the equal *h* proposed by Misra et al[@b45], as shown schematically in [Fig. 6(a)](#f6){ref-type="fig"}. Let the initial state be a stress-free multilayer with an array of misfit compensating edge dislocations at the interface to compensate differences in lattice parameters. Because accurately determine the spacing of misfit dislocations (or the mismatch strain) is quite difficult, here we use the theoretical *δ* to analyze the failure modes of micropillars for simplicity. We further assume that layer **A** has significantly lower yield stress than **B**. Under the applied stress σ, additional dislocations be generated in layer **A**, then pile-up in the interface and transfer load to layer **B** until the stress is sufficient for **B** to begin to flow[@b45]. At this stage the structure consists of additional interface dislocations with spacing *λ* and an effective edge (or screw) dislocation pile-up at a grain boundary in layer **A**. The comparison of the stress components (*i.e.*, shear component, σ~Shear~, and normal component, σ~Normal~, of the applied stress due to the edge (or screw) pile-ups with number of dislocations *n*) in the center of a grain in layer **A** associated with the interface misfit (edge) dislocations barrier, σ~Edge~, and the interface strength, σ~IBS~, gives an indication of which controls further flow[@b45]. Here, the stress components of σ~Shear~ and σ~Normal~ can be derived as[@b45][@b46]: and Where *ξ* is a coefficient, *β* = 1 for edge and *β* = (1 − *v*) for screw dislocations, where *v* is the Poisson ratio for soft phase **A** (\~0.343 for Cu); *μ*\* = (*μ*~A~**·***μ*~B~)/(*V*~A~**·***μ*~B~ + *V*~B~**·***μ*~A~) is shear modulus of **A/B** multilayers, can be estimated by the shear modulus *μ*~A~ and volume fraction *V*~A~ of **A** layer and that of **B** layer; *φ* is the angle between the slip plane and the interface \~54.7°, *b* is the magnitude of the Burgers vector (\~0.2556 nm for Cu); the applied stress can be simply expressed as *σ* = *σ*~0~ + *Kh*^−1/2^, where *σ*~0~ is lattice friction stress, and *K* is the Hall-Petch slope. The interface edge array barrier σ~Edge~[@b45] and the interface strength σ~IBS~[@b17][@b19] are given by the following equations, respectively: and where *ζ* is Saada\'s constant \~0.4; *R* = \|(*μ*~A~ − *μ*~B~)/(*μ*~A~ + *μ*~B~)\|; *μ*~A/B~ is the modulus of rigidity of the low-elastic-constant constituent for the **A/B** NMM; and other symbols have the same meaning defined before. Note that means the interface is fully coherent (without misfit dislocations)[@b17][@b19].

Taking *μ*~A~ = 48.3 GPa for Cu, *μ*~B~ = 33 GPa (for Zr) and = 115.4 GPa (for Cr), *V*~A~ = *V*~B~ = 0.5, *K* = 8.8 GPa·nm^1/2^ (for Cu/Zr[@b44]) and 9.8 GPa·nm^1/2^ (for Cu/Cr[@b47]), σ~0~ = 20 MPa[@b40], we plotted σ~Shear~, σ~Normal~, σ~Edge~, and σ~IBS~ in [Fig. 6(b, c)](#f6){ref-type="fig"} as a function of *h* for different NMMs with different *δ*. It is found that σ~Shear~, σ~Normal~ and σ~IBS~ increase with increasing *h*, while σ~Edge~ decreases with increasing *h*, and there are three crossover points between σ~IBS~ and σ~Edge~, between σ~Normal~ and σ~IBS~, and between σ~Shear~ and σ~Edge~ that divide the strength-layer thickness map into four regimes (*i.e.*, R~I~, R~II~, R~III~, R~IV~).

In NMMs, dislocations motion (slip *vs* transmission) depends on the two competing effects: the blocking effects of misfit dislocations, σ~Edge~, and the interfacial strength σ~IBS~[@b15][@b16][@b21][@b30]. If σ~Edge~ \> σ~IBS~, dislocations will transmit across the interfaces, while σ~Edge~ \< σ~IBS~ dislocations motion will be limited within isolated Cu layers. Also, whether the Cu/X nanolayered pillars exhibit the extrusion of soft Cu depends on the competition between the σ~Edge~ and the σ~Shear~, *i.e.*, σ~Edge~ \> σ~Shear~ no extrusion of materials, while σ~Edge~ \< σ~Shear~ the soft Cu can be squeezed out of the micropillars. Therefore, in R~I~ (σ~Edge~ \> σ~Shear~), σ~Edge~ \> σ~IBS~ indicates that the interfaces cutting mechanism prevails, and the applied stress σ greater than σ~IBS~, leading to localized shearing via dislocation cutting cross the interfaces[@b11][@b12]. This renders the observed macroscopic localized shearing ([Fig. 4g, h](#f4){ref-type="fig"}). In R~II~ (σ~Edge~ \> σ~Shear~), σ~Normal~ \< σ~IBS~ implies that the constituent layers codeform and that the applied stress σ and/or local stress concentrations promotes the rotation of interfaces/layers[@b10], resulting in the formation of shear bands without extrusion of Cu ([Fig. 4e, f](#f4){ref-type="fig"}). In R~III~ (σ~Shear~ \> σ~Edge~), σ~Normal~ \< σ~IBS~ means that both the extrusion of Cu and interfaces/layers rotation occur simultaneously, inducing the barreling of nanolayered pillars accompanied with shear bands[@b35]. In R~IV~ (σ~Shear~ \> σ~Edge~), σ~Normal~ \> σ~IBS~ suggests that in addition to the extrusion of Cu (barreling of micropillars), void formation is the main stress relaxation mechanism[@b48], rendering the localized debonding of interfaces ([Fig. 4b, d](#f4){ref-type="fig"}). The results for Cu/Zr with 11.2% misfit (see [Fig. 6b](#f6){ref-type="fig"}) may be compared with other systems such as Cu/Nb[@b10][@b11] where {111} FCC and {110} BCC planes define the misfit strain at the incoherent interface; while the results for Cu/Cr with 2.3% misfit (see [Fig. 6c](#f6){ref-type="fig"}) may be compared with experimental data on Cu/Ni and Cu/Co multilayers. The acceptable discrepancy between the present experimental findings and the theoretical calculations at small *h* (\<10 nm) is likely caused by the change of *δ* or *λ* associated with the atomic structure of interface. Furthermore, this model can well explain the *h*-dependent deformation modes of other systems such as FCC/FCC Al/Pd[@b24]. Specifically, it is noteworthy from [Fig. 6(b, c)](#f6){ref-type="fig"} that to sustain structural stability (*i.e.*, codeformation) of the nanolayered micropillars, the ideal layer geometry should be a thickness around 20 nm, at which they have the maximum strain hardening capability simultaneously. Additionally, it is suggested that the NMM with smaller *δ* exhibits greater stain compatibility and is more favorable to achieve fully coherent interfaces.

The development or selection of a material to meet given design requirements generally requires that a compromise be struck between several, usually conflicting, objectives, to balance and optimize a number of metrics of robust performance in the product in which it is used. In this work, we uncovered that in some nanolyayered micropillars composed of alternating soft/hard or ductile/brittle layers such as Cu/Zr and Cu/Cr, their strength increases monotonically with decreasing intrinsic size *h*, displaying the transition from bulk-like to small-scale materials behavior, while the strain hardening rate, contrary to the popular belief, exhibit an inverse *h*-dependence at a critical *h* \~ 20 nm. The intrinsic size *h*-dependent failure modes transited from extrusion/debonding to localized interface cutting is quantitatively explained by a dislocation-based model. These results will provide impetus for microstructure sensitive design of such nanolayered materials in technological applications because their sizes and properties are highly tunable by controlling the layer geometry and the interface characteristics.

Methods
=======

Multilayer synthesis and microstructure characterization
--------------------------------------------------------

The Si-supported Cu/X (X = Zr, Cr) NMM with total thickness \~2 μm were respectively prepared by using direct current (*dc.*) magnetron sputtering at room temperature. The thickness of Cu layer equals that of X layer and covers a wide range spanning from \~5 to \~125 nm. High resolution transmission electron microscopy (HR-TEM) and energy dispersive X-ray (EDX) analyses to identify the elemental composition and the interface integrity of the specimens were performed on a JEOL-2100F TEM. More details about the synthesis and the internal features of Cu/X NMM can be found in literatures[@b22][@b44].

Mechanical test of nanolayered micropillars
-------------------------------------------

The Cu/X micropillars with the layer interfaces perpendicular to the cylinder axis were fabricated from the as-deposited NMMs using a Helios Nano Lab 600i dual-beam focused ion beam (FIB) system. The diameter of the pillar (*ϕ*) was chosen to be from 300 to 1200 nm to restrict the pillar geometry in order to avoid buckling of the sample during subsequent uniaxial microcompression tests. The taper angles (*ψ*) of the pillars were measured between 2° to 4°. All the pillars were then uniaxially compressed in a Hysitron Ti 950 with a 10 μm side-flat quadrilateral cross-section diamond indenter at constant strain rate of 2 × 10^−4^ s^−1^ up to \~20--30% strain. True stress-strain curves were calculated using a constant volume and homogeneous deformation assumption model to characterize the deformation behaviors[@b22][@b40]. More details about the micropillars preparation procedures, testing methods and true stress-strain curve calculation procedure can be found in [Supplementary Information](#s1){ref-type="supplementary-material"} for Methods.
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![Bright-field cross-sectional TEM micrographs showing the microstructure of (a) the *h* = 20 nm Cu/Zr multilayers, and (c) the *h* = 12.5 nm Cu/Cr multilayers, respectively.\
Insets in (a, c) are the corresponding selected area diffraction patterns (SADPs). The line EDX analysis in (a) showing the modulated layer structure without significant intermixing between Cu and Zr. (b) and (d) are the inverse fast Fourier transform (IFFT) HRTEM image of white squared box regions of their insets showing atomic structure of Cu/Zr interface and that of Cu/Cr, respectively. Insets in (b, d) are the HRTEM images typically showing the interface of the corresponding white square boxed area in (a, c). Two Burgers circuit are labeled **1** and **2** in (b), respectively, to determine the Burgers vector of misfit dislocations. A Burgers circuit is drawn in (d) determining the Burgers vector of misfit dislocations as ***b*** = *a*/2\[110\].](srep04205-f1){#f1}

![(a) True stress - strain plots for the *ϕ* = 800 nm Cu/Zr micropillars with three different *h*, and (b) True stress - strain plot for *h* = 10 nm Cu/Zr micropillars with varies *ϕ* loaded perpendicular to the layer interface.\
The strain hardening stage is fitted by using power-law strain hardening equation: . (c) The intrinsic size-controlled strain hardening exponent *n* as a function of *h*, compared with that of Cu[@b31][@b32] (as a function of grain size *d* and pillar diameter *ϕ*). (d) The intrinsic size-controlled strain hardening rate *θ* of Cu/Zr micropillars as a function of *h*, compared with that of Cu micropillars[@b33] and of Cu thin films[@b34].](srep04205-f2){#f2}

![The maximum strength σ~max~ as a function of *ϕ* for (a) Cu/Zr and (b) Cu/Cr, respectively. (c) The strength scaling exponent *α* as a function of *h* for both Cu/Zr and Cu/Cr.](srep04205-f3){#f3}

![Typical SEM images (a, c, e, g) of *ϕ* = 600 nm nanolayered Cu/Zr micropillars with four different *h* and their corresponding cross-sectional FIB images (b, d, f, h) after the uniaxial compression tests.\
(a, b) *h* = 100 nm and (c, d) *h* = 50 nm micropillars barreling of the micropillar (extrusion of Cu), local debonding regions and shear deformation; (e, f) *h* = 20 nm micropillars showing shear deformation and codeformation of constituents layers with intact interfaces; (g, h) *h* = 5 nm micropillars showing highly localized shear banding by interface crossing. Insets are the corresponding SEM images of the as-milled pillars.](srep04205-f4){#f4}

![Typical SEM images (a, c, e, f) of *ϕ* = 600 nm nanolayered Cu/Cr micropillars with four different *h* and their corresponding cross-sectional FIB images (b, d) after the uniaxial compression tests.\
(a, b) *h* = 100 nm and (c, d) *h* = 50 nm micropillars showing barreling of the micropillar, extrusion of individual Cu layers and interface slipping; (e) *h* = 20 nm micropillars showing barreling of the micropillar, extrusion of individual Cu layers; (f) *h* = 5 nm micropillars showing highly localized shear banding by interface crossing. Insets are the corresponding SEM images of the as-milled pillars.](srep04205-f5){#f5}

![(a) Schematic of **A**/**B** multilayer with an edge (or screw) dislocation pile-up at a grain boundary in layer **A** and an array of misfit dislocations with edge character at the interface. Deformation mode-maps for different NMM systems with different (b) *δ* \~ 11.2% for Cu/Zr and (c) *δ* \~ 2.3% for Cu/Cr. Four regimes, *i.e.*, R~I~: localized shearing, R~II~: shear bands + codeformation, R~III~: shear bands + extrusion, and R~IV~: extrusion + localized debonding, are included in a deformation mode-map.](srep04205-f6){#f6}
